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Recent Progress in the Modeling of High-Temperature 
Creep and Its Application to Alloy Development 

L. Shi and D,O. Northwood 

Recent progress in the understanding of high-temperature creep of alloys is discussed in the context of 
theoretical modeling and its application to alloy development. Emphasis is placed upon those engineering 
alloys specifically designed for high-temperature applications, such as precipitation and dispersion- 
strengthened (DS) alloys and metal-matrix composites (MMCs). Currently, these theoretical models use 
one of two different approaches, (a) a phenomenological approach, which is used in such models as those 
based on the internal stress concept, and those based on empirical creep equations; and (b) mi- 
cromechanical models that are based on dislocation mechanisms and the interactions of dislocations with 
solute atoms, second-phase particles, and other reinforcements such as fibers. All these theoretical models 
have a common goal, namely, the understanding of high-temperature strengthening mechanisms and the 
relationship between high-temperature strength and the micromechanical mechanisms during high-tem- 
perature plastic deformation of the alloys. These theoretical studies can provide information that is use- 
ful in alloy design and processing, such as the selection of alloy chemistry, and the optimization of phase 
microstructural features (e.g., reinforcement amount, shape, size, and distribution; matrix grain size; 
and matrix and reinforcement interfaces) by optimization of processing methods. 
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1. Introduction 

CREEP, together with fatigue and fracture, are important from 
both an economic and an academic point of view. Creep is one 
of a number of  fields where improvements could lead to the 
possibility of  rapid technological advance in terms of a more 
reliable and safer performance, or the attainment of higher en- 
ergy efficiency. There is a demonstrated need for the develop- 
ment and improvement of materials for various engineering 
applications at elevated temperatures, and engineers and scien- 
tists worldwide are devoting their t ime and energy to the study 
and solution of  creep-related matters. 

Generally, the creep process is described in terms of a strain- 
time relationship (both the applied stress and test temperature 
are kept constant during a creep experiment). Figure 1 is a sche- 
matic diagram for a typical creep curve of metals and alloys. 
These are three stages in strain-time behavior in the creep of  
metals and alloys. In primary creep stage I, where the strain is 
increasing with time, the rate is decreasing with time (or in 
some cases increasing). In secondary stage II, the strain is in- 
creasing with time at a constant rate (steady-state creep). In ter- 
tiary stage III, the creep is accelerating until fracture (Ref 1-3). 
For polycrystalline materials, creep rupture is generally associ- 
ated with void formation and the coalescence of microcracks 
within grains or at grain boundaries. 

Since creep is a slow deformation process, long-term tests 
must be conducted on selected samples before an improved 
mechanical design is practically attainable and a component is 
assembled into an operating machine. For creep studies and re- 
search, emphasis has been on the steady-state creep stage, its 
connection to final fracture, and the behavior when either ap- 
plied stress is varying or when environmental effects come into 
play (creep-fatigue interactions and creep-corrosion interac- 
tions). Previous studies have shown that the creep performance 
of an engineering material is determined by both properties of  
the material and its operating environment (e.g., stress and tem- 
perature distributions). Such technical (creep) data can be ob- 
tained in a number of  ways, such as (a) in a long-term 
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Fig. 1 Typical creep curve (strain-time) showing three stages 
of creep, e 0 is the instantaneous elastic strain upon loading. In 
the course of creep, the creep rate gradually decreases in the pri- 
mary creep stage I to a steady-state value in steady-state stage II, 
and then increases in stage III until fracture. 
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laboratory test under a variety of simulated environments; (b) 
in a statistical study of an operating component; or (c) in the ob- 
servation of a natural phenomenon (e.g., ice and rock deforma- 
tion). This could involve measuring the specimen length under 
a sustained load at elevated temperatures, recording the creep 
life time of identical components made from different materials 
in a machine, or studying geographic maps drawn at different 
periods of time. The creep properties of a material also depend 
on its operating environment and may differ markedly from 
those properties determined in vacuum. (They can be either 
worse or better depending on the material, its environment, and 
the interaction between them.) 

Over the years the data in the literature have shown that all 
three stages of creep deformation are interrelated, and informa- 
tion on the early stages, i.e., the primary and secondary stages, 
can be used to predict the final fracture properties (Ref4-6). As 
discussed later in this paper, studies on the creep of pure metals 
and solid-solution alloys can provide an important under- 
standing of creep mechanisms and provide important"clues" to 
high-temperature alloy design since the alloy matrix plays a 
major role in determining the creep resistance of both disper- 
sion-strengthened (DS) alloys and metal-matrix composites 
(MMCs). 

As a natural phenomenon, creep has existed since the crea- 
tion of solid matter that was subject to applied forces. When 
man was able to produce alloys and pure metals, such as lead, 
tin, and their alloys, which had low-melting temperatures, 
these materials were able to change their geometrical shape 
(i.e., creep) under their own weight (no extra applied force is 
needed) at ambient temperature. Creep studies became more 
important after the industrial revolution and attained increasing 
importance as operating temperatures were increased for better 
energy efficiencies. Much of the creep work concentrated on 
empirical studies and materials characterization. Creep data 
have been measured for a wide range of engineering materials 
over a period of about one century. However, the creep mecha- 
nism studies have lagged far behind advances in the empirical 
studies and the technological development of high-temperature 
alloys (Ref l, 7-11). Development of high-temperature alloys, 
in the main, has been the result of painstaking empirical inves- 
tigation, and it is really only in retrospect that principles under- 
lying these developments have become gradually evident (Ref 
1). For example, the empirical recovery creep equation in its 
present form was obtained two decades ago, but until very re- 
cently, there was no satisfactory mechanistic explanation. 
Often a mechanistic study can provide information useful in 
technological development, and instances of this can be found 
in many science and engineering disciplines. 

This paper discusses important recent advances in creep of 
alloys, concentrates on the general aspects and technical im- 
portance of the phenomenon, and illustrates this by examples 
of industrial applications and natural deformation phenomena 
involving creep. The development of superalloys for gas tur- 
bine engine (Ref 7-11), the sintering and hot isostatic pressing 
(HIP) of powder metallurgy (P/M)compacts (Ref 12-15), and 
the modeling of the movement of geological formations (e.g., 
icebergs and the earth mantle) are all dependent on a knowl- 
edge of creep (Ref 16, 17). Considerable data has been com- 
piled on the general aspects of creep deformation (Ref 16-19) 

and on the creep properties of various metals, alloys, intermet- 
allic compounds, carbides, oxides, nitrides, and other ceramics 
(Ref 20-24), although the mechanisms of creep need to be stud- 
ied further and improvements are needed in mechanistic mod- 
eling. Despite their obvious disadvantages at high 
temperatures, such as high vapor pressure, lack of oxidation re- 
sistance, and lack of resistance to nitrogen (in air) and possibly 
to carbon and to sulfur (in chemical plant applications), metals 
are still the principal materials used to carry tensile stress at 
high temperatures (Ref 25). Various surface coatings have, 
however, been developed to improve this situation with respect 
to aggressive creep environments (Ref 26). Thus, this review 
concentrates mainly on recent developments in creep of metal- 
lic materials although other materials are also referred to for 
comparative purposes. 

2. General Aspects of Creep 

The creep behavior of a given material is, in general, deter- 
mined by three factors: (a) the intrinsic properties of the mate- 
rial (atomic bonding, melting temperature, elastic modulus, 
and activation energy for diffusion--they are interrelated); (b) 
its microstrnctural features (chemical composition, phase mi- 
crostrncture, and grain size--these factors can be changed by 
metallurgical processing); and (c) the operating environment 
(temperature, applied stress, and test media, such as gas or fluid 
types). Once a relationship is established among the creep be- 
havior, these material properties, and environmental factors by 
means of a creep study, it can be used as a guide to material se- 
lection, design, and processing for a specific operating envi- 
ronment. Improved creep resistance can be obtained by a 
proper combination of those material properties, which can be 
adjusted through a proper choice of materials, and an applica- 
tion of a variety of metallurgical processes, such as alloying ad- 
ditions, controlled casting, mechanical processing, heat 
treatment, and powder metallurgy, in order to optimize the mi- 
crostructural features. From these accumulated data on alloy 
development and mechanical property measurements, some 
general guidelines, the Honeycombe rules (Ref 27), have been 
put forward as an aid in the development of creep resistance in 
materials. These rules follow. 

Rule 1. Creep resistance at a given temperature is higher in 
metals and alloys of high melting point because a metal of high 
melting point has a lower rate of self-diffusion (with a higher 
activation energy for self-diffusion) at a specific temperature 
than a metal of lower melting point. As the rate of dislocation 
climb is proportional to the rate of self-diffusion, this process, 
i.e., climb, will be more difficult in a metal of higher melting 
point. The limiting temperature below which climb cannot oc- 
cur readily (i.e., atomic self-diffusion is negligible) is about 0.5 
T m, where T m is the melting (or decomposition) temperature in 
kelvin. This relationship can be shown from a thermodynamic 
consideration of the atomic self-diffusion process (Ref 18). 

Rule 2. Creep resistance is greater in a matrix of low stack- 
ing fault energy (SFE) (creep rate is proportional to the third 
power of the SFE (Ref 1, 28-30), because the dislocations are 
dissociated and thus find it more difficult to cross-slip and 
climb in order to avoid obstacles. The stacking fault energy of a 
pure metal can be lowered by solute additions. For this purpose, 
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solutes of  high valency are the best additions because they 
more readily increase the electron to atom ratio and thus de- 
crease the stacking fault energy. Fortunately, such solutes also 
tend to raise the flow stress more markedly than solutes of  
lower valence. 

Rule 3. Solid-solution hardening can provide a useful con- 
tribution to creep resistance and is best achieved by the use of  
solutes that differ markedly in atomic size and valency from the 
parent metal. Unfortunately, such solutes do not exhibit exten- 
sive solid solubility, and thus their use as solid-solution harden- 
ers is limited. 

Rule 4. Long-range order in solid solutions provides a fur- 
ther contribution to the creep strength of solid solutions be- 
cause the superlattice dislocations are paired to preserve order 
across the slip plane and are thus similar to extended disloca- 
tions. 

Rule 5. Precipitates are essential to further increase the 
creep strength of  a solid solution. The Orowan (precipitate 
strengthening) theory provides an estimate of the critical spac- 
ing of  a dispersion for the optimum strength as that which is just 
small enough to prevent dislocations from bowing around the 
particles ( -10 -8 m). Unfortunately, such fine dispersions are 
usually not stable at high temperature because diffusion of  the 
elements from the precipitates to the matrix allows coarsening 
(Ref 31-35). This can be minimized in several ways (Ref 34, 
35), namely (a) by choosing elements in the precipitate that dif- 
fuse slowly (i.e., have a low diffusion coefficient); (b) by using 
a dispersed phase that is practically insoluble in the matrix so 
that the resolution of  fine particles and the growth of coarser 
particles is slow (low solid solubility); and (c) by selecting a 
precipitate that is crystallographically closely matched to the 
matrix and remains coherent longer (low interfacial energy). 

Rule 6. Precipitates are used in association with crystal de- 
fects. Some precipitates form more readily than others on dislo- 
cations and thus are important sources of strengthening, both at 
low and elevated temperatures. Precipitates that form during 
creep are particularly useful if they nucleate on dislocations. 
Nucleation in association with stacking faults is another form 
of strengthening. Precipitation at grain boundaries is useful in 
reducing grain-boundary sliding, but in many cases this leads 
to early cavity formation and premature intergranular cracking. 
High creep strength is thus often achieved, but at the expense of  
creep ductility. It is possible that grain boundary precipitates 
with low energy interfaces with the matrix are less likely to 
cause intergranular failures. 

As shown by the preceding discussion, numerous empirical 
studies have been utilized to make high-temperature superal- 
loys and other engineering materials a reality. Due to its eco- 
nomic and academic importance, and a need for a wide range of  
structural materials for various engineering applications at 
high temperatures, creep is receiving increasing attention, as 
can be seen from the ASM seminars on"Deformation, Process- 
ing, and Structure" (Ref 36), and "Flow and Fracture at Ele- 
vated Temperatures" (Ref 37), and the Institute of  (Metals) 
Materials (the Swansea) creep conferences (Ref 38-42). In 
spite of  extensive studies, our understanding of creep is far 
from complete, and the creep properties of engineering materi- 
als can still be further improved. This is seen from the early de- 
velopment of  the time law for creep, which was based upon the 

shape of the creep strain-time curves (Ref 18, 43) to the recent 
creep models based on more detailed microstructure observa- 
tions and micromechanical mechanisms (Ref 44, 45). 

3. Creep of Single-Phase Materials 

3.1 Class l a n d  Class H Creep Behavior 

Researchers have been concentrating their activities in two 
major areas with respect to the creep mechanisms of  single- 
phase materials (e.g., pure metals and solid-solution alloys): (a) 
the applied stress and test temperature dependence (i.e., test 
conditions); and (b) the microstructure dependence (of mate- 
rial properties) of steady-state creep rate. The creep behavior of 
single-phase crystalline materials has been classified into two 
categories (Ref l, 44, 46), class I (n = 3) and class 2 (n _= 5), in 
terms of  the stress exponent, n, of  steady-state creep rate, e. The 
stress exponent, n, characterizes the rate determining mecha- 
nism during creep deformation. The stress exponent, n, is given 
by a power-law creep equation, es = e0 an, where e0 is a constant 
and G is the applied stress. 

The mechanism for class I creep behavior is a viscous glide 
of dislocations dragging solute atmosphere along their glide 
path. This class I behavior has been modeled fa i ry  well over 
the past four decades (Ref 43, 47-56) by considering diffusion 
associated with a moving potential wall, drag of  a Cottrell at- 
mosphere or a Snoek atmosphere by a dislocation, and other 
solute effects on dislocation motion. A simple explanation of 
the class I creep was given by Weertman (Ref 57) as follows. 
When a pure metal is alloyed, a variety of  solute mechanisms 
come into play, which can hinder the motion of  dislocations 
across their slip planes. When a dislocation drifts under the ac- 
tion of an applied stress, t~, by dragging an impurity atmos- 
phere with it, the dislocation velocity, v, is given by the 
equation, v = Gb/A v, no matter which of  the solute dragging 
mechanisms is operative. (In this equation, b is the magnitude 
of Burgers vector, and A v is a temperature-dependent constant 
whose exact value depends on the particular mechanism that 
controls the dislocation motion.) The steady-state creep rate is 
given by the Bailey-Orowan equation, ~ = oqbpv, where Ctl is a 
constant about unity, and p is the dislocation density. The dislo- 
cation density, p, in a stressed crystal is given by the Taylor 
equation, G = o~2MI.tbpl/2, where M is the Taylor factor, and I.t is 
the shear modulus. Combining the above three equations, one 
obtains the following equation for the creep rate: e s = t~3(~/I.t)3 
with Ct 3 = allX/(~t~M2Av).. The third power stress dependence of 
the creep rate is also called the natural law for creep (Ref 57) 
and is a characteristic feature for creep of  class I alloys. 

Class II creep is believed to be controlled by a recovery 
process (dislocation climb) carded out by vacancy diffusion. 
This view is supported by the experimental results, which show 
that the activation energy for high-temperature creep is equal to 
the activation energy for vacancy diffusion in the materials 
(Ref 58-66), and that for creep of  various crystals, the activa- 
tion volume for creep is similar to that for self-diffusion, indi- 
cating a creep mechanism involving vacancies (Ref 60). Thus 
the temperature dependence of class II creep rate should follow 
the Arrhenius relationship, which contains a Boltzmann factor 
(Ref 67-69). That is, es ~ exp(-Q/kT), where Q is the activation 
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~ b l e  1 Stress exponent and activation energy values for lattice mechanisms 

Stress Activation 
Mechanism exponent, n energy, Q Ref 

Dislocation glide and climl~ controlled by climb 
Dislocation glide and climb, controlled by glide 
Dissolution of dislocation loops 
Dislocation climb from Bardeen-Herring sources 

Nonconservative motion of jogged screw dislocations 
Nabarro-Herring creep at subgrain boundaries 
Climb of dislocations in 2-dimensional subgrain boundaries 
Climb of dislocations in subgrain boundaries of finite width 
Recovery creep, slip distance is independent of mesh size 
Recovery creep, including distribution of dislocation link lengths 
Network coarsening by jog-controlled climb 
Climb of dislocation links within a 3-dimensional network. Average slip 

distance equals mesh spacing of network 

Climb of dislocation links within a 3-dimensional network. Slip distance is 
independent of mesh size 

Dislocation link collision with a 3-dimensional dislocation network 
Dislocation climb of extended dislocations 
Dislocation link length statistics for a 3-dimensional dislocation network 

Note: p = 0. 

4.5 Qv V~ertman (61, 72, 73) 
3 Qci Vdeertman (74) 
4 Qv Chang (75) 
3 Qv Nabarro (76) 
5 Qp Nabarro (76) 
3 Qv Barrett and Nix (77) 
3 Qv Friedel (48) 
3 Qv Ivanov and Yanushkevich (78) 
4 Qv Blum (79) 
4 Qv Lagneborg (80, 8 l) 

3 to 5 Qv OstrSm and Lagneborg (82, 83) 
3 Qv Gittus (84, 85) 
3 Qv Evan and Knowles (63, 64) 

5 Qp 
4 Qv 

Evan and Knowles (63, 64) 
Evan and Knowles (63, 64) 

6 Qp Evan and Knowles (63, 64) 
3 Qv Ardeil and Przystupa (86) 

3 to 5 Qv Kong and Li (29, 30) 
3 Qv Shi and Northwood (87) 
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Fig. 2 Dislocation link length distribution showing a typical 
frequency function, q~(X),with a critical link length, ~.cr, and a 
threshold link length, Xth. 

energy for the appropriate diffusion process, k is the Boltzmann 
constant (k = 1.381 x 10-23 J/K), and Tis the absolute tempera- 
ture. The empirical constitutive equation was established to de- 
scribe the power-law creep (Ref 62, 70, 71), although the 
recovery creep process has not yet been analyzed satisfactorily 
(Ref 22). In order to model the recovery rate process during ele- 
vated temperature creep deformation, the following three fac- 
tors should be taken into account: (a) the configuration of 
dislocations and the character of  their motion, (b) the forces 
acting upon dislocations, and (c) the sources and sinks of va- 
cancies. 

3.2 Creep Mechanisms  f o r  Single-Phase Materials  

In terms of microstructure, grain size is an important factor 
in polycrystals,  such as alloys and ceramics. In polycrystals,  
creep is a far more complex phenomenon since the onset of  dif- 
fusion simultaneously makes a large number of  mechanisms of  
deformation available in addition to dislocation glide and 
climb�9 Both lattice mechanisms and boundary mechanisms are 
operating during high temperature creep deformation. An ex- 
amination of  more than 20 mechanisms by Cannon and Lang- 
don (Ref 23, 24) led to an expression for the steady-state creep 
rate: 

�9 ADtlb b a n 

where A is a dimensionless constant, D is the appropriate diffu- 
sion coefficient, d is the grain size, and p is the exponent of  the 
inverse grain size. The diffusion coefficient is: 

D = D O exp ( - k T  / (Eq 2) 

where D O is a frequency factor. For lattice mechanisms of 
creep, which are based on intragranular glide and climb of  dis- 
location, p = 0, and in general the predicted value of  n is within 
the rather limited range from 3 to 4.5 when the activation en- 
ergy is equal to the value for lattice self-diffusion (or volume 
diffusion), Qv, although it is possible to obtain higher values of 
n at lower temperatures by invoking pipe diffusion with an ac- 
tivation energy of Qp (_= 0.6Qv ). For boundary mechanisms of 
creep, p > 1. 

These representative creep mechanisms for both lattice (or 
volume) and boundary processes are given in Tables 1 and 2, re- 
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~ b l e  2 Stress exponent,  inverse grain size exponent, and activation energy values for boundary mechanisms 

Stress Inverse grain Activation 
Mechanism exponent, n size exponent, p energy, Q Reference 

Lifshitz sliding 
Nabarro-Herring creep, sliding accommodated by volume diffusion 1 
Coble creep, sliding accommodated by grain-boundary diffusion 1 
Sliding accommodated by intragranular flow across the grains 1 

Raehinger sliding 
Sliding with a continuous glassy phase at the boundary 1 
Sliding accommodated by the formation of grain-boundary cavities, without a 2 

glassy phase 
Sliding accommodated by the formation of triple-point folds, without a glassy 3.5 

phase 

2 Qv Nabarro (88), Herring (89) 
3 Qgb Coble (90) 
1 Qgb Crossman and Ashby (91) 

1 QDh Orowan (92) 
1 Ov  Langdon (93) 

2 Qv Gifldns (94) 

spectively. These two tables are set up following the format of  
Cannon and Langdon (Ref 23, 24) with the addition of  recently 
developed models, i.e., the link length distribution model (Ref 
83), the dislocation link collision model (Ref 86), a model 
based on climb of  extended dislocations (Ref 29, 30), and the 
dislocation link length statistics model (Ref 87). In Tables 1 and 
2, Qv, Qci, Qgb, and Qph are the activation energies for lattice 
(volume) self-diffusion, chemical interdiffusion of  solute at- 
oms, grain boundary, and grain boundary phase, respectively. 
Tables 1 and 2 present various selected creep models for differ- 
ent lattice and grain-boundary creep mechanisms and their 
main parameters, including the st~ress exponent, n, the inverse 
grain size exponent, p, and activation energy, Q, for creep. 

3.3 Dislocation Link Length Statistics Model 

The three recently developed models, dislocation link 
length distribution model (Ref 83), dislocation link collision 
model (Ref 86), and dislocation link length statistics model 
(Ref 87), consider a whole spectrum of dislocation link lengths, 
~,. See Fig. 2 for a typical dislocation link length distribution 
frequency function, 0(3`). During plastic deformation, there ex- 
ists a threshold dislocation link length, 3`th, which is determined 
by the applied uniaxial tensile stress, o, via the equation 3`th = 
2~tb/o (Ref 83). The threshold link length, ~th, divides the dis- 
location link lengths into two groups: the mobile dislocations 
(3` > ~la) and the immobile dislocations (0 < 3, < ~h)" The creep 
strain is generated by the glide motion of  the mobile dislocation 
links in the distribution. The controlling mechanism for creep is 
the coarsening of network (immobile) dislocation links by dis- 
location climb via vacancy diffusion. The coarsening process 
involves shrinking of  shorter links (3` < 3`cr) and growth of  
longer links (3`cr < 3  ̀< ~h) of  network dislocations where 3`cr is 
the critical dislocation link length. The creep deformation is de- 
termined by the evolution of  this dislocation link length distri- 
bution. Both stress and temperature dependence of  the creep 
rate can be obtained from these models (Ref 83, 86, 87). Are- 
cent review was made by the present authors of these disloca- 
tion network and link length distribution models for creep (Ref 
45). 

The dislocation link length statistics are based on direct ex- 
perimental observations by means of  transmission electron mi- 
croscopy, slip lines on polished surfaces, and etch pit 
techniques of  the dislocation microstructure developed during 

plastic deformation of  crystalline materials. It has been shown 
that dislocations are arranged into complex, tangled, curved, 
three dimensional network structures, and that their link 
lengths have a spectrum of  lengths (Ref 95-104 ). In dislocation 
link length statistics, the dislocation link length is described by 
a frequency function, ~(3`), where 3` is dislocation link length. 
The frequency function is defined so that the number of  dislo- 
cation links, AN, and the dislocation density, Ap, in the link 
length interval from (3` - AL/2) to (3` + AL/2) are given by AN = 
t~(3`)A3` and Ap = ~(3`)LA3`, respectively. In their theoretical 
study, Wang et al. (Ref 104) obtained an analytical expression 
for the dislocation link length distribution frequency function, 
namely ~(~,) -- 2p(~,2~ 2) exp(-3`2~2m), where 3`m is the disloca- 
tion link length when 0(3`) has its maximum value. 

An analysis of the dislocation link length statistics for the 
plastic deformation of crystals (Ref 87) gave the following re- 
sults. (a) The average dislocation link length, (3`), of  a three-di- 
mensional dislocation network is related to the total dislocation 
density, p, by the equation, ( 70 = [2/(~c)] l/2p-1/2, where c is the 
dislocation network geometry factor. (b) The strain-hardening 
coefficient, H = (3t~/Oe) t, is proportional to, and is of the order 
of, Young's modulus, E for stress change test during steady- 
state creep. (c) The creep rate is shown to be primarily deter- 
mined by the recovery rate, R =-(Oo/3t)c, which is directly 
related to the dislocation annihilation rate, Pa = -(3P/-0t)e" (d)A 
creep rate equation, k s o~ M0(a/Vt)3 ' is also obtained, where M o 
is the dislocation mobility, which is related to the atomic self- 
diffusion (Ref 87). Other experimental and theoretical studies 
on recovery creep have also shown that the creep rate is deter- 
mined by the recovery rate, R, which is related to the disloca- 
tion annihilation rate, [~a (Ref 83, 105-107). 

The dislocation link length statistics have also been applied 
to constant strain rate deformation (Ref 108-110). The main re- 
sults from these studies follow. (a) The increase in the flow 
stress, At ,  associated with an instantaneous strain rate in- 
crease, A~, in the imposed constant strain rate, e, at a given tem- 
perature will follow the Haasen relationship in that a plot of 
(Ao/AlnE) T versus o is linear with a slope equal to the strain rate 
sensitivity, m = (~o/31n~)T (Cottrell-Stokes law, Ref 111, 112). 
(b) Amodel based on the dislocation link length statistics for the 
three-dimensional dislocation network structure produces rea- 
sonable predictions of  the variation in the strain-rate sensitivity, 
m, with a range of 0.126 < m < 0.333 for constant strain rate 
test. (c) The values of  the parameter, cz, in the Taylor equation 
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(Ref 113, 114), G = o~Mp.bp 1/2, agree well with the results from 
experimental measurements for many crystalline materials 
(Ref 108). The dynamic effects of  strain hardening and recov- 
ery processes during elevated temperature plastic deformation 
of  the 310 stainless steel have been analyzed by means of dislo- 
cation link length statistics (Ref 109). The main findings fol- 
low. (a) The strain-hardening coefficient for an elevated 
temperature tensile test is given by the equation: 

2~(t) R 
O = H .  Ao ~ (Eq3) 

where H is strain-hardening coefficient for low-temperature 
plastic deformation without recovery, A 0 is a numerical con- 
stant about unity, and ~/(t) is dependent on dislocation structure 
during deformation. (b) For steady-state deformation at ele- 
vated temperatures, the Taylor equation, ~ = uMktbp I/2, can be 
deduced from this dislocation link !ength statistic analysis. (c) 
The dislocation annihilation rate, Pa, has a stronger stress de- 
pendence than the recovery rate, R, and strain rate, ~s" The dis- 
location annihilation rate, Pa, is proportional to the dislocation 
density, p, in the manner Pa e~ pm, where m = 2 to 3 and is a con- 
stant (Ref 109). Further a theoretical study (Ref 110) extended 
the mesh length theory of work hardening (Ref 115- I 18) to ele- 
vated temperature plastic deformation by taking into account 
thermally activated dislocation annihilation (in addition to the 
mechanically activated annihilation). Thermal annihilation of  
dislocations is due to dislocation climb via rapid vacancy diffu- 
sion. At elevated temperatures, thermal dislocation annihila- 
tion further decreases the dislocation trapping parameter, [3, 
which is defined as the fraction of  trapped, i.e., not mutually an- 
nihilated, dislocations, by an amount, I3T, which is directly pro- 
portional to the recovery rate via an equation, 
[~x = -[2K~(t)/Ao](R/~), where K --- 300 is a constant (Ref 110). 
The shear modulus normalized strain-hardening coefficient is 
then given by the equation, O/Ix = (13 + ~IT)/K (Ref 110). This 
extended strain-hardening coefficient equation applies to both 
low- and high-temperature plastic deformation of  crystalline 
materials. 

3.4 Grain-Boundary Mechanisms and Creep of 
Ceramics 

There are two grain-boundary processes for grain-boundary 
sliding (Ref 119), Lifshitz sliding (Ref 120) (grain-boundary 
displacement associated with grain elongation), and Rachinger 
sliding (Ref 121) (grain-boundary displacement not associated 
with grain elongation). Examples of Lifshitz sliding are: (a) 
sliding accommodated by either lattice (or volume) or grain- 
boundary diffusion--Nabarro-Herring creep (Ref 88, 89) (n = 
1, p = 2, Q = Qv) and Coble creep (Ref 90) (n = 1, p = 3, Q = 
Qgb or Qp); and (b) sliding accommodated by intragranular 
flow across the grains (Ref 91) (n = 1, p = 1, Q = Qgb or Qp). 
Examples of  Rachinger sliding are: (a) sliding with a continu- 
ous glassy phase at a boundary (Ref92) (n = 1, p = 1, Q = Qph); 
and (b) sliding without a glassy phase--sliding accommodated 
by the formation of  grain boundary cavities (Ref 93) (n = 2,p = 
1, Q = Qv), and sliding accommodated by the formation of tri- 
ple-point folds (Ref 94) (n = 3.5, p = 2, Q = Qv). In the above 
relationships, Qgb is the activation energy for grain-boundary 

diffusion, and Qph is the activation energy for diffusion through 
a grain-boundary phase. 

Analysis of a wide range of experimental data of  the creep 
on ceramic materials has shown two major points (Ref 23, 24). 
First, there are many similarities between the creep of ceramics 
and metals. (a) Diffusion creep with a stress exponent of  n = 1 
occurs at low stresses, and power law creep with n > 3 occurs at 
high stresses. (b) There is an inverse relationship between the 
subgrain size and the applied stress, ~. (c) The dislocation den- 
sity within the subgrains varies with t~ e. (d) There is a contribu- 
tion from grain-boundary sliding (GBS), which increases with 
a decrease in stress and/or grain size. Second, the major differ- 
ences between the creep of ceramics and the creep of  metals are 
an enhanced role for diffusion creep in ceramics and the power- 
law creep regime, in which ceramics divide into two categories 
with stress exponents of  -5  and -3, respectively. The behavior 
with n _= 5 is interpreted as fully ductile behavior as in pure 
face-centered (fcc) metals, and the behavior with n ~- 3 is inter- 
preted as dislocation climb from Bardeen-Herring sources (dis- 
location multiplication sources operated via dislocation climb) 
(Ref 76, 122), under conditions where there is either a lack of  
five independent slip systems and general inhomogeneous de- 
formation or, if five independent slip systems are available, 
there is a lack of interpenetration of these systems. The obvious 
inference from their microstructure is that boundary mecha- 
nisms play a more important role in the creep of  ceramics than 
of  metals (Ref 24). This would be in accordance with the inher- 
ently lower mobility of  dislocations in ceramics as evidenced 
by the Peierls-Nabarrao stress (a periodic lattice resistance 
force to dislocation glide motion) and with the differences in 
preparation of metals and ceramics. For instance, metals and al- 
loys are usually cast into ingots, but ceramic products are nor- 
mally fabricated using powder metallurgy techniques with 
additives for consolidation. These differences are likely to lead 
to thicker grain boundary films in ceramics. Therefore, grain- 
boundary films in ceramics are very important in determining 
their creep behavior. 

4. Creep of Dispersion-Strengthened Alloys 

A practical means of  improving the creep resistance of  the 
alloy matrix for high-temperature alloys, such as dispersion- 
strengthened (DS) alloys and metal-matrix composites 
(MMCs), is by the introduction of  a nondeformable second 
phase (Ref 123-125). Note that the second-phase particles (or 
reinforcements) are effective sources of  creep strength only 
when they are thermally stable at elevated temperatures. In 
contrast to pure metals and single-phase solid-solution alloys, 
the experimental results on dispersion-strengthened (DS) al- 
loys have shown two general characteristics, namely much 
higher apparent creep stress exponents, n, and activation ener- 
gies, Qc" For example, n values of 7 to 75 and apparent activa- 
tion energies 2 to 3 times that for self-diffusion have been 
reported for precipitation and/or oxide-dispersion-strength- 
ened (ODS) nickel-base alloys (Ref 125-129). The activation 
energies for self-diffusion and those for creep of  metals and 
other materials are tabulated in many publications (Ref 22, 
130-133). 
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Fig. 3 Attractive particle-dislocation interaction showing a dis- 
location climb over three particles that are softer than alloy ma- 
trix. A part of the dislocation link is still attracted to the particles 
when the dislocation link is moving forward in the direction indi- 
cated by the arrows. 

4.1 Particle-Dislocation Interactions 

There have been many studies on the creep mechanisms of  
DS alloys. Early studies showed that the increased creep 
strength in these materials was caused by the resistance to the 
glide of  edge dislocations imparted by the obstacles. Although 
these obstacles could be circumvented by climb (Ref 134), they 
reduce the recovery rate for dislocations. This, in turn, is due to 
a decrease of  the driving force for the recovery process and of  
the mobility of  the climbing dislocations involved in the proc- 
ess (Ref 135). The dislocation mechanisms considered in these 
models are first dislocation climb to bypass particles and then 
opposite sign dislocation pairs annihilation (i.e., the recovery 
process) (Ref 134, 135). Only edge dislocations are considered 
in the models because screw dislocations are able to move 
without vacancy diffusion. The steady-state creep rate will then 
be governed by the rate of  dislocation climb and annihilation 
(recovery) process. Good agreement between theories and ex- 
perimental creep results has been found by applying these mod- 
els to dispersion-strengthened (DS) alloys. These models can 
account for the very large stress (exponents) of the steady-state 
creep rate often found for alloys hardened by a nondeformable 
second phase, such as sintered aluminum powder (SAP) type 
alloys, Ni-Cr-AI alloys, and an austenitic 20Cr-35Ni stainless 
steel containing ordered fcc "~'Ni3(Al,'fi) precipitates. 

However, the high values found for the apparent activation 
energy were not considered at that time. Also, the type of  inter- 
faces between particles and matrix and the interaction between 
dislocations and interfaces were not taken into account by these 
early climb models. It is becoming more apparent that me- 
chanical properties of  multiphase alloys are determined by the 
matrix, the particle type and size, and the interfaces between 
matrix and particles (Ref 136). Specifically, during elevated 
temperature deformation, such as creep, interactions between 
dislocations and particles are very strongly dependent on the 
type of  interfaces. Some of  the early ideas about the attractive 
and repulsive interactions between dislocations and particles 
(or voids, grain boundaries, and free surfaces) were presented 

by Friedel (Ref48). For instance, an attractive particle-disloca- 
tion interaction can be found in the case of  soft particles or mi- 
crovoids where dislocations can relax part of  their elastic 
energy. Figure 3 shows schematically the attractive interaction 
between a dislocation and three soft particles. The type of  inter- 
faces between matrix and particles influences the particle-dis- 
location interactions and thus mechanical properties, 
especially in elevated temperature deformation where disloca- 
tions can either glide or climb to rearrange themselves in order 
to achieve low energy configurations (Ref48). Research in this 
area can provide important clues for alloy development for ele- 
vated temperature applications. Consideration should be given 
to the selection of the optimum combinations of  alloy matrix 
chemical compositions, particles, and processing methods in 
order to obtain a strong attractive particle-dislocation interac- 
tion during elevated temperature deformation. This becomes 
more evident from the following sections on attractive particle- 
dislocation interactions for particle reinforced alloys. 

4 . 2  Threshold Stresses in Dispersion-Strengthened 
Alloys 

Recent theoretical models on DS alloys utilized three 
threshold stresses: (a) the stress required to cause dislocation 
bowing between particles (the Orowan stress), x 0 = 0.84 llb/(~,p 
- d), where kp is the planar spacing between particles, and d is 
the average particle size (Ref 137-139); (b) the extra back stress 
required to create the additional dislocation line length as the 
dislocation segment climbs over a particle (the "local climb" 
stress), "~b = 0.3 btb/~,p (Ref 140, 141), and (c) the stress re- 
quired to detach the dislocation from the particle after climb is 
completed in an attractive particle-dislocation interaction (the 
athermal detachment stress), x d = (~tb/A,p)(1 - k~) l/z, where k R 
is given by Fp = kRF in the attractive interaction model, with F 
= I.tb212 and Fp are the line energies of  the dislocation in the ma- 
trix and at the particle interface, respectively. The parameter k R 
(0 < k R < 1) can be considered a relaxation parameter. For k R = 
1, no attraction between the particle and dislocation exists (no 
relaxation); for k R < 1, an attractive interaction results, which 
becomes stronger with diminishing k R (increasing relaxation) 
(Ref 142-145). These three stresses are the origin of  strengthen- 
ing mechanisms by particles of  DS alloys for elevated tempera- 
ture applications. 

Models that take into account the above three threshold 
stresses have led to the following important findings. (a) The 
measured threshold stresses for creep in DS alloys are less than 
the values predicted from the equation of  the Orowan stress by 
a factor ranging from 1.25 to 2.5 (Ref 140, 146). More signifi- 
cantly, it was suggested (Ref 144) that the concept of  the 
Orowan stress may not be applicable to the deformation of  DS 
alloys at high temperatures and low stresses since the moving 
dislocations can bypass hard particles (by climbing over them) 
under these experimental conditions. (b) Deformation proc- 
esses based on dislocation climb alone cannot provide a satis- 
factory explanation for the creep of  DS alloys in terms of a 
threshold stress. First, although models based on "local" climb 
(Ref 140, 141) yield threshold stresses, Xth = 0.3 I.tbl~,p, that are 
in good agreement with those calculated from creep experi- 
mental data on DS alloys, "local" climb, if it occurred, would 
result in a sharp dislocation curvature (at the point where the 
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dislocation meets the particle) (Ref 147) that can be rapidly re- 
laxed by diffusion, leading to more "general" climb. Second, 
models based on "general" climb predicted either an insignifi- 
cant threshold stress, Xth --- 0.04 I.tbl~, r, (Ref 141), or a threshold 
stress that is proportional to the applied stress (Ref 147-149). 
(c) The possibility that an attractive interaction between dislo- 
cations and particles exists is supported both theoretical (the 
Srolovitz attractive particle-dislocation interaction (Ref 150, 
151) and experimental studies (Ref 152-154). For instance, 
theoretical studies by Srolovitz et al. (Ref 150, 151) show that 
an attractive interaction between dislocations and incoherent 
particles would in fact be expected at elevated temperatures be- 
cause the incoherent interface can relax parts of the stress field 
of the dislocation by slipping between particle and matrix inter- 
faces (for relaxing shear stresses) and rapid diffusion (for relax- 
ing normal stresses). Transmission electron microscopy (TEM) 
observations (Ref 152-154) have revealed that the dislocations 
remain bound to the particles after climb has been completed. It 
was demonstrated (Ref 142, 143) that such an attractive parti- 
cle-dislocation interaction in DS alloy leads to a well-defined 
threshold stress for creep, which must be exceeded in order to 
detach the dislocation from a particle after climbing. Most re- 
cently, it was suggested (Ref 144) that thermally activated dis- 
location detachment from the dispersed (hard) particle is the 
rate controlling mechanism in DS alloys and that the climb 
process can be regarded as sufficiently rapid for dislocations 
climbing over particles. In this case, creep may occur below the 
athermal "detachment stress." 

Circumstantial evidence seems to suggest that the ability of 
incoherent interfaces to attract dislocations at elevated tem- 
peratures may be related to poor bonding across that interface. 
Carbide strengthened aluminum alloys exhibit a strong asym- 
metry of the flow stress and the creep strength with respect to 
the loading direction (Ref 144, 155). At elevated temperatures, 
the strength is reduced considerably under tension compared to 
compression (whereas no asymmetry is observed at room tem- 
perature). This asymmetry was attributed to carbide decohe- 
sion from the matrix under tension (interfacial debonding) and 
thus points to poor interfacial bonding. This is consistent with 
the finding that carbides are more beneficial for creep strength 
than oxides, which do not give rise to this asymmetry effect in 
elevated temperature strength. Creep strength is here referred 
to the tensile loading for creep, which is the case for most engi- 
neering applications of DS alloys. 

4.3 Dislocation Detachment  Creep Model  

Assuming that thermally activated dislocation detachment 
from the particle-matrix interfaces is the rate controlling 
mechanism in dispersion-strengthened (DS) alloys and that the 
dislocation climb process can be regarded as sufficiently rapid, 
the quantitative rate equation developed from this model does 
not include a "true" threshold stress (Ref 144) and has the form 
of an Arrhenius expression, namely: 

= eo exp ~-~ (Eq 4) 

where e0 is the reference strain rate, and E d is the activation en- 
ergy for dislocation detachment process. Both e0 and E d have 

been calculated from the model. The reference strain rate, e0, 
was estimated by applying nucleation theory (Ref 156). The re- 
sult is ~0 = 3Dv~'PPm/b' where 3.p is the mean free path between 
the obstacles, and Pm is the mobile dislocation density. An ap- 
proximate analytical expression for the activation energy for 
dislocation detachment, E d, was obtained by analyzing the en- 
ergetics of dislocation detachment process from an attractive 
dispersed particle. The passage of a dislocation through a uni- 
form array of spherical particles of radius, r, and spacing, kp, 
was considered in the model analysis. The activation energy for 
dislocation detachment, Ed, is approximately given by the ex- 
pression E a = ~tb2r[(l- kR)(1- x/~d)]3/2. Where the applied 
shear stress, x, is equal to or larger than the "athermal detach- 
ment stress," "~d, thermal activation is not necessary to detach 
the dislocation from the particle. When, however, the applied 
stress, x, is smaller than Zd, the dislocation will reach an equilib- 
rium position at the particle depending upon the applied stress, 
the line energy of dislocation, and the strength of the disloca- 
tion-particle interaction. A finite activation energy for detach- 
ment, E d, has then to be supplied in order to enable dislocation 
detachment from the attractive dislocation-particle interaction 
(Ref 144). 

The quantitative creep rate equation (Eq 4) developed by 
ROsier and Arzt (Ref 144) from this model has been compared 
to the experimental creep data of some DS alloys, such as tung- 
sten wire filaments strengthened by dispersions of potassium 
vapor-filled bubbles, DS nickel-base superalloy Inconel 
MA6000 strengthened in addition by yttria (Y203) dispersoids, 
fine-grained aluminum strengthened by aluminum carbide 
(Ai4C3) and aluminum oxide (A1203) particles, and rapidly so- 
lidified AI-8Fe-4Ce alloy strengthened by AIIoFe2Ce and 
AII3Fe 4 particles. In all these cases, except fine aluminum 
strengthened by A14C 3 and AI203 particles (which may be due 
to grain-boundary effects), good agreement was found between 
theory and experiment. Based on this theoretical work, sugges- 
tions were made as to suitable avenues for alloy development. 
Obviously, particular attention should be paid to the properties 
of the particle-matrix interface. Ahigh degree of dislocation re- 
laxation can only be achieved at an incoherent interface with a 
high specific energy. It is expected from the model that ther- 
mally stable bubbles should be the most effective barriers for 
the motion of dislocations at high temperature since the line en- 
ergy relaxation should be maximum at this instance. The lowest 
attainable relaxation factor is k R =__ 0.77. This implies that the 
high-temperature strength imparted by any particle dispersion 
cannot exceed about 60% of the Orowan stress, 
xa = ~0( 1 - k2R) ~/2. The model also suggests that carbide disper- 
soids in aluminum alloys are about equally efficient as pores 
and are more beneficial for creep strength than oxides. This is 
related to interfacial bonding, which can be affected by the re- 
spective chemical compositions and the processing route(s) 
utilized. 

The difference between the elevated temperature creep be- 
havior of precipitate or dispersion-strengthened materials was 
discussed in terms of the dislocation detachment creep model 
for the attractive particle-dislocation interaction (Ref 144). In 
general, precipitation-hardened alloys behave like materials 
without attractive interaction whereas dispersion-strengthened 
alloys, produced for instance by mechanical alloying, behave 
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like materials with a strong attractive particle-dislocation inter- 
action. An important difference between the two particle types 
is that precipitates, unlike particles dispersed by mechanical 
means, have to overcome a nucleation energy barrier and are 
thus forced to form low energy (i.e., strong bonded) phase 
boundaries (interfaces). Weakly bonded interfaces are needed, 
however, to allow for the relaxation of the dislocation stress 
field by atomic rearrangements and fast diffusion along the in- 
terface. This may be the reason why small precipitates appear 
to be less capable of  relaxing the line energy of  dislocations 
than small dispersoids. In addition, incoherency across the in- 
terface can lead to some degree of  dislocation core spreading 
once the dislocation has reached the particle. This would not be 
possible at a strongly bonded coherent interface where crystal 
periodicity has to be maintained. While the detailed under- 
standing of the particle-dislocation interactions at high tem- 
perature is certainly not very far advanced, it does appear that 
on the basis of  varying degrees of interfacial bond strength and 
particle coherency, the creep behavior of the whole class of  par- 
ticle-strengthened materials may be reasonably understood and 
possibly predicted. This in itself may constitute an important 
advance over climb theories where the type of interface does 
not play a role in determining dislocation kinetics and the ele- 
vated temperature strength (Ref 144). 

There is an important consequence when using creep Eq 4 
for extrapolating creep data into regions where experimental 
data are not available. The shape Of the curves of log(~/~0) ver- 
sus log (~la  a) suggests that only materials with highly attrac- 
tive dispersoids (k R < 0.9) show "threshold-like" behavior. 
That is, in terms of  conventional threshold stress concept, when 
the applied stress is less than the threshold stress, the creep rate 
is negligible. In general, caution should be taken when using a 
"threshold stress" concept because it may result in serious 
overestimates of  the creep strength at low strain rates (or low 
applied stresses). This danger may be averted by using the dis- 
location detachment model based creep rate Eq 4 obtained by 
ROsier and Arzt (Ref 144). 

The above discussed dislocation detachment creep model 
developed by R/3sler and Arzt (Ref 144) was also correlated 
with available creep data for aluminum alloys strengthened by 
A14C 3 and A1203 particles, namely alloys AI-2.5, AI-10.0, 
IN9021, and IN9052 by Orlov~i and Cadek (Ref 145). Although 
the model requires an applied stress-dependent apparent acti- 
vation energy for creep, the stress dependence of creep rate can 
be satisfactorily accounted for even when this activation en- 
ergy is stress independent, assuming a strong stress depend- 
ence of the per-exponential structure factor, i.e., of  the mobile 
dislocation density. On the other hand, the model is not able to 
account for the temperature dependence of creep rate if the 
temperature dependence is much stronger than that of  the coef- 
ficient of  lattice diffusion (a higher activation energy) as is usu- 
ally the case with alloys strengthened by incoherent particles in 
which the attractive particle-dislocation interaction can be ex- 
pected. Orlov~i and Cadek (Ref 145) suggested that the inter- 
pretation of creep in IN9021 alloy in terms of interface 
controlled diffusional transport of matter may be taken as an al- 
ternative to that based on the thermally activated detachment 
control. 

5. Creep of Metal Matrix Composites 

Mohamed et al. (Ref 125) recently reviewed creep data of 
several discontinuous SiC-A1MMCs (whisker and particulate, 
with A1-Li, A12124, and A16061 alloy matrix and reinforce- 
ments where the volume or weight fraction of  SiC w or SiCp 
ranges from 15 to 30%, and test temperature ranges from 450 to 
866 K). The creep behavior of discontinuous SiC-A1 MMCs is 
similar to that of DS alloys in regard to the high values of the 
stress exponents (the stress exponent n in these composites 
ranges from about 7 to 25) and the high value of  the apparent 
activation energies, which is much higher than that for self-dif- 
fusion in aluminum. An experimental study has shown that the 
creep of  a discontinuous SiC-A1 MMC, like that of  some DS al- 
loys, exhibits an increase in the stress exponent with decreasing 
applied stress. 

The similarity in creep characteristics between discontinu- 
ous SiC-AI MMCs and DS alloys suggests that the creep behav- 
ior of the former, like that of  the latter, may be explained in 
terms of  a threshold stress for creep. However, by using the 
various threshold stress models proposed for DS alloys, Mo- 
hamed et al. (Ref 125) showed that the threshold stresses intro- 
duced by SiC reinforcement are much smaller than those 
estimated from experimental data. As noted by Mohamed et al. 
(Ref 125), the creep behavior of  discontinuous SiC-AI MMCs 
is not entirely consistent with the assumptions and predictions 
of the shear lag models (Ref 157-164), and finite element con- 
tinuum treatment (Ref 165, 166). For instance, in both the shear 
lag model (Ref 159, 160) and the finite element continuum 
treatment (Ref 165), the stress exponent for creep in the com- 
posite is equal to that for creep in the unreinforced matrix, 
whereas experimental results have shown a much larger stress 
exponent for composites than for their matrices. However, the 
results of the models and the treatment have provided new ih- 
sight into the process of  load transfer from the matrix to the fi- 
ber, the state of  stress within a fiber, internal stress distributions 
in the matrix, the origin of  the lower creep rates in discontinu- 
ous MMCs, and the role played by reinforcement phase geome- 
try in affecting the overall deformation rate. Further 
development and extension of  the above models and treatment 
to address in detail important issues, such as void formation 
and debonding occurrence for different types of  interfaces, 
should lead to increased understanding of high-temperature 
strengthening in discontinuous composites (Ref 125). Also, 
studies on how the fiber alignment and particle geometry with 
respect to loading direction affects the stress distribution in 
both matrix and reinforcement should provide useful informa- 
tion in material design and processing methods, such as obtain- 
ing optimum reinforcement geometry and distribution. 

A comparison between detachment stresses, "r a, for oxide 
particles and creep threshold stress, x0, for a SiCp-A1 alloy 6061 
was made by Mohamed et al (Ref 125) and basedon the sugges- 
tion that the oxide particles, present in the aluminum alloy ma- 
trix as a result of manufacturing the composite by powder 
metallurgy, serve as effective barriers to dislocation motion and 
give rise to a threshold stress for creep. While the values of x d 
are, in general, close to the values ofx 0, the dependence ofx 0 on 
temperature is stronger than that of  x d. (za decreases from 8.65 
MPa, 845 MPa to 8.24 MPa, and "c o decreases from 10.64 MPa, 
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8.56 MPa to 7.08 MPa, when Tincreases from 618 K, 648 K to 
678 K, Ref 125.) Examination of  the relationship between t 0 
and T led to the empirical equation, to/IX = Aoexp(Qo/kT), 
where A 0 is a conslnt ,  and Q0 is an energy term. The origin of 
the temperature dependence of  creep threshold stress, t 0, is at 
present not clear, and further creep measurements and models 
are needed to resolve this issue. 

A further analysis was made of  the creep data for 14 A1-SiC 
MMCs (whisker and particulate) with A12024, A12124, and 
A16061 alloy matrices and reinforcements with volume frac- 
tions of  SiC w or SiCp ranging from 10 to 30% and test tempera- 
tures in the range from 503 to 798 K by Gonz~lez-Doncel and 
Sherby (Ref 167). These tests were aimed at establishing a rela- 
tionship between strength and microstructure and test condi- 
tions (strain rate and temperature) for MMCs. The flow stress 
of these MMCs depended on the test temperature and the mor- 
phology of the reinforcing phase. The strength of  the whisker 
materials was higher (by a factor of  2) than that of  the particu- 
late materials at any given temperature. Assuming that creep of 
A1-SiC composites is controlled by lattice self-diffusion in the 
aluminum matrix under constant structure after incorporation 
of  a threshold stress, a 0, a good correlation can be achieved for 
all the data when the lattice diffusion-compensated strain rate, 
~rDL, is plotted as a function of  the elastic modulus-compen- 
sated effective stress, ( ~ -  ao)lE. The calculated threshold 
stress, a0/E, decreases linearly with increasing temperature, 
and it is higher for the whisker-reinforced composites than for 
the particulate composites. The temperature above which the 
threshold stress disappears is very similar for both composites 
(between 733 and 743 K). For the whisker composites, the a0/E 
value is essentially independent of  the direction of  testing. The 
threshold stress is not well understood and cannot be explained 
by contemporary dislocation models involving dislocation 
bowing or unpinning around particle sites. The observed inter- 
particle-interwhisker spacing, ~'s, is shown to influence the 
creep rate in the same way as observed for mechanical alloyed 
(MA) Al-base materials. 

The analysis in Ref 167 also established a criteria for pre- 
dicting the elevated mechanical behavior of  MMCs and under- 
standing the microstructural features that are important in 
determining their strength. The overall prediction of the flow 
stress for the AI-SiC composites is: 

where A is a material constant dependent on the s ick ing  fault 
energy (A = 109 for aluminum), ~'s is the subgrain size or barrier 
spacing (whichever is smaller), (a0/E)0 is modulus-compen- 
sated threshold stress at T = 0 K, and T c is the lowest tempera- 
ture at which the threshold stress is zero. T c and (a0/E) Q for 
A1-SiC MMCs are T c = 743 K and (a0/E) 0 = 3.53 x 10 -~ for 
whiskers; and T c = 733 K and (~0/E)0 = 2.02 x 10 -3 for parti- 
cles (Ref 141). Thus, if the effective barrier spacing is known 
(through microscopy), and the values of (a0/E) 0 and T c are 
known (through strain-rate change tests at two temperatures), 
the flow stress can be predicted at any given strain rate and tem- 
perature for a given A1-SiC material (Ref 167). 

In summary, Mohamed et al. (Ref 125) concluded that de- 
spite the important contributions of  the results of  recent studies 

on discontinuous SiC-AI MMCs, additional experimental and 
analytical work is still needed in order to (a) examine whether 
the increase in the stress exponent for creep with decreasing the 
applied stress represents a genuine creep characteristic in these 
materials; (b) investigate whether the concept of  a threshold 
stress for creep is capable of accounting for the high apparent 
stress exponent for creep and the high apparent activation en- 
ergy in several discontinuous SiC.A1 MMCs containing differ- 
ent matrices and different reinforcement configurations and 
shape; (c) determine whether interfacial debonding occurs; if it 
occurs, examine its effect on the power law creep, and study the 
interface during creep deformation for different types of rein- 
forcements and matrices, as well as reinforcement shape and its 
arrangement, and (d) study dislocation behavior in the compos- 
ites and identify the nature and type of particles that may inter- 
act with dislocations. 

6. Role of Alloy Matrix in Creep Strength 

Another popular line of study is the role of  the alloy matrix 
in creep behavior of DS alloys (Ref 168-170). In these studies, 
the resisting stress concept has been utilized and extended. An 
assumption is made that the creep rate is determined by a net 
stress, which is equal to the applied stress minus total resisting 
stresses arising from solid solution atoms and particles. The ex- 
perimental data were evaluated for many DS nickel-base super- 
alloys with various levels of  matrix solid-solution 
strengthening. The alloys examined include thoria (ThO2) dis- 
persed TD-nickel; the oxide-dispersion-strengthened (ODS) 
mechanical alloys MA 754 and MA 753 (International Nickel 
Company, London, UK); the ordered fcc 7'Ti3A1 strengthened 
superalloys Udimet 700 (Special Metals Corporation, Ann Ar- 
bor, MI), Nimonic 115 (Henry Wiggins Limited U.K.), and 
MAR M200 (Martin-Marietta Inc., Bethesda, MD); and me- 
chanical alloy MA6000E (International Nickel Company, Lon- 
don, U.K.) strengthened by inert yttria (Y203) dispersoids and 
a high-volume fraction of fTi3A1 precipitates. A generalized 
expression has been developed for the creep rates that separates 
the matrix contributions from the particle contributions to the 
resisting stress and creep strength of these alloys. This general- 
ized creep rate equation is: 

N 

where Ap is a structure-dependent parameter; k s is a proportion- 
ality constant, which is in the range from 0 to 1 and increases in 
magnitude with the extent of solid-solution strengthening in 
the matrix phase; N is a stress exponent; a is the applied stress; 
ap is the applied-stress-independent average resisting stress 
d/Je to the strengthening particles; and E is Young's modulus 
(temperature dependent). A resisting stress component due to 
the matrix solid-solution phase, which is proportional to the net 
applied stress experienced by the matrix, is a s = ks(t~ - ap). The 
t o l l  resisting stress to creep in these particle-strengthened sys- 
tems is G r = ap + (is = ap + ks(a - (yp). The above creep rate 
equation allows one to express the particle contribution to 
creep resismnce of  the alloy through the ap term in the resisting 
stress and through the contribution of the matrix phase through 
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the (1 - ks)N term. It is also shown by Ajaja et al. (Ref 170) that 
the apparent stress exponent, n, is related to the N and applied 
stress, (~, by a relation n -  N ( 1 -  (~p/~). The larger the ratio 
(~p/G, the more sensitive is the creep rate to changes in the ap- 
plied stress; this is not desirable in most applications. The ap- 
parent activation energy, Qc, is shown to be related to the 
temperature dependencies of Young's modulus dE/dT and the 
particle resisting stress, (~p, namely Qc = Q + f(dks/dT, dE/dT, 
dOpldT), where Q is defined by the expression 
Q - RT2(~ log ~s/~T) 0, andfis a function of the temperature de- 
pendencies of the three parameters, k s, E, and (~p. 

Ajaja et al. (Ref 170) concluded that the major role of the al- 
loy matrix in the creep behavior of these alloys is in determin- 
ing the apparent stress dependence of the creep rates. 
Specifically, the stronger the matrix becomes through solid-so- 
lution strengthening, the lower the applied stress dependence 
of the creep rate of the alloy. Then an alloy with a comparatively 
strong matrix can be more safely applied to an elevated tem- 
perature situation where stress is fluctuating, which is the case 
for many practical engineering applications. This type of analy- 
sis clearly established the role played by solid-solution 
strengthening of matrix in the overall creep resistance of high- 
temperature alloys, which are predominantly strengthened by 
second-phase particles. 

From an alloy design point of view, these findings are par- 
ticularly significant because of the availability of such versatile 
processes as mechanical alloying (Ref 171-173), which has 
made possible the development of alloys with tailor-made com- 
positional specifications with controlled amounts of inert dis- 
persed strengtheners. For example, the undesirable high 
applied stress sensitivity displayed by DS alloys is not an in- 
trinsic characteristic of these alloys but can be changed. In par- 
ticular, increasing the solid solution strengthening contribution 
to the creep resisting stress to a level comparable with that of 
the particle contribution would make this change possible. De- 
creasing the applied stress sensitivity is of practical value in im- 
proving the performance reliability of these alloys under real, 
in-service conditions where spiked overloads might be ex- 
pected. The analysis (Ref 170) further indicates that even small 
amounts of specific elements, e.g., the refractory elements 
tungsten and molybdenum, could be very potent in improving 
creep resistance through solid-solution strengthening rather 
than larger amounts of other elements. A ranking of the solid- 
solution strengthening potency of the usual alloying elements 
in these high-temperature alloys, perhaps based on effects re- 
lated to atomic size misfit, effects related to electron vacancy 
number differences, or effects related to shear modulus differ- 
ences (see Ref 174-176), would serve as a useful guideline in 
particle-strengthened alloy design for better creep resistance 
through enhanced solid-solution strengthening. 

Examples for alloy development in obtaining high tensile 
strength and good fracture properties by adjusting alloy chem- 
istry can be found for a plain carbon steel with rare earth treat- 
ment (Ref 177-179) and a biomedical cobalt-chromium alloy 
for dental and surgical applications (Ref 180-181). In this alloy 
development, both solid-solution hardening and particle 
strengthening were taken into account in preparation of the al- 
loys. For microalloying a plain carbon steel with rare earth ele- 
ments (Ref 177-179), the aim was to control the microstructure 

and to modify sulfide inclusions and grain-boundary chemistry, 
thereby to improve the mechanical and electrochemical proper- 
ties of the steel. For a biomedical cobalt-chromium alloy devel- 
opment (Ref 180, 181), the chemical compositions were 
designed according to alloying theory (Ref 182, 183), namely 
to prevent the formation of topologically close-packed (TCP) 
phases by using the mean electron-hole number method. Alloy- 
ing elements, such as tungsten and molybdenum, were added 
into the alloy as solid-solution hardeners, and chromium was 
for carbide formation (particle strengthening), ductility, and 
corrosion resistance. Although these are examples of low-tem- 
perature applications, the principles can be extended for alloys 
designed for elevated temperature applications. 

7. Summary and Conclusions 

The technological development of high temperature creep- 
resistant alloys and the mechanistic studies of creep behavior 
are interrelated (Ref 22-25). This is particularly evident in two 
areas. Solid-solution strengthening and particle or fiber rein- 
forcement of the matrix are connected to the lattice mecha- 
nisms of creep and to the interactions between dislocations and 
solute atoms, reinforcements, and interfaces. High-tempera- 
ture creep and superplastic deformation of polycrystalline me- 
tallic and especially ceramic materials are linked to the 
boundary mechanisms of creep with various accommodations 
(grain-boundary and/or lattice diffusion, grain-boundary 
glassy phase, intragranular flow across the grains, the forma- 
tion of grain-boundary cavities, and the formation of triple- 
point folds) (Ref 184-197). 

With respect to modeling of elevated temperature creep of 
metals and alloys, significant advance has been made recently, 
such as dislocation link length statistics model, dislocation de- 
tachment model, and the resistance stresses model. The dislo- 
cation link length statistics model is based on the experimental 
observations that link lengths are not uniform but rather taken 
on a whole spectrum of lengths. The results from the disloca- 
tion link length statistics model are in good agreement with 
creep experiments and plastic deformation of single-phase ma- 
terials in general. But more importantly, the creep rate is deter- 
mined by the recovery rate. Any factor that reduces the 
recovery rate (or dislocation annihilation rate) and stabilizes 
the dislocation network structure, will decrease the creep rate 
and thereby increase creep resistance. However, details of the 
dislocation micromechanisms need to be studied carefully in 
order to study complex engineering alloy systems, such as DS 
alloys and MMCs. 

For multiphase DS alloys and MMCs, the properties of alloy 
matrix, the interfaces, and the interaction between the matrix 
and the reinforcements must be considered since all three fac- 
tors determine the creep properties and elevated temperature 
strength of these materials (Ref 198-205). Theoretical creep 
models based on attractive particle-dislocation interactions 
(dislocation detachment creep model) have demonstrated the 
importance of the interfaces on creep strength, and have shown 
that in general noncoherent interfaces with high interfacial en- 
ergies are a potential source for creep resistance and elevated 
temperature strength. This arises because the interfaces can 
partially relax the elastic energy of interacting dislocations, 
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which are more tightly bonded to the interfaces. Models based 
on resistance stresses for creep have shown that the elevated 
temperature strength of  the alloy matrix is an important factor 
in maintaining overall creep resistance and elevated tempera- 
ture creep performance for dispersion-strengthened alloys. The 
strengthening effect of the alloy matrix is obtained mainly by 
alloying with solid solution elements. A comparative increase 
in strength for the alloy matrix can reduce the stress depend- 
ence of  the creep rate, i.e., decrease the stress exponent, n, 
thereby making alloys suitable for a wider range of  applied 
stresses (or stress fluctuating) in practical service. 

Examination of  some recent experimental creep results for 
MMCs (mainly aluminum alloy matrix composites) reveal that 
creep models for DS alloys may be applicable to these materi- 
als. However, further work is required to study interfacial de- 
bonding for different kinds of  reinforcements and matrices and 
the nature and type of  particle-dislocation interactions during 
creep. These studies can provide information for MMCs fabri- 
cation routes and matrix chemical  composition and reinforce- 
ment selections in order to develop MMCs for elevated 
temperature applications with a high creep resistance and ele- 
vated temperature strength. 
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